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1. INTRODUCTION

In recent years, research on hydrogen-induced cracking of

different metals and alloys (e.g., nickel base and iron base

alloys) has brought to attention two aspects of the problem

that have been widely discussed: the role of impurity segregation

(segregation greatly increases hydrogen susceptibility) and the

role of mobile dislocations in the transport of hydrogen (this

provides for transport of hydrogen at rates much faster than

lattice diffusion). A better understanding of these phenomena

should contribute to development of more resistant alloys.

In this project, these two phenomena have been extensively

investigated in pure Ni and are under study in some Ni-base

alloys. The impurity segregation work has largely evolved from the earlier

studies of Latanision and Opperhauser [1,23. The approach involves

use of hydrogen permeation experiments, straining electrode

experiments at cathodic potentials, determination of cathodic

polarization behavior and characterization of electrochemical

properties (upen circuit potential, polarization behavior) of

grain boundaries. The dislocation transport study has been inspired

mainly by the analytical work of Tien et al., [31 and involves the

use of the hydrogen permeation technique on specimens undergoing

plastic deformation.
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2. BACKGROUND

2.1 Role of Impurity Segregation in Hydrogen-Induced Intergranular

Cracking of Metals

Several recent studies have shown that the susceptibility

of many metals and alloys to intergranular hydrogen-induced

cracking is greatly increased as a result of grain boundary

segregation of certain impurities. These impurities are metalloids

such as S, P, Sn and Sb which are known to enhance absorption

of hydrogen when added to the electrolyte in small amounts, i.e.,

which are promoters or hydrogen recombination posions. Berkowitz

and Kane [4,5] have shown an association between hydrogen

cracking susceptibility and segregation of P in Hastelloy C276

and a similar effect in MP35N due to segregation of S and P.

Frandsen et al., [6] have shown a similar association in Ni-Co

alloys due to segregation of S. Grain boundary segregation of

S is known to embrittle pure Ni, also [7]. Hydrogen

susceptibility is greatest in steels tempered in the temperature

range for maximum temper embrittlement [15]. Temper embrittlement

is known to be associated with grain boundary segregation of P,

Sb and Sn as well as Ni and Cr [8,91. Also, other examples can

be found in the literature [10].

One can look at the effects of grain boundary segregation

from a chemical/electrochemical point of view and a mechanical

point of view. The difference in composition between the grain

interior and the segregated grain boundary may cause electrochemi-

cal and chemical differences, such as [11,12]:
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-the electrode potentials of the matrix and grain boundary

differ from each other

-the anodic and cathodic polarization behavior of the grain

boundary and matrix may be different

-the solubility of hydrogen in the grain boundary differs

from the solubility in the matrix

-segregation may affect kinetics of hydrogen diffusion

From a mechanical point of view, grain boundary segregation

can cause effects such as [13,]4]:

*a lowering of grain boundary surface energy and thus

facilitation of crack propagation

-the mechanical properties of grain boundaries can be

be different from those of the matrix, e.g., grain

boundary hardness often increases as a result of segregation

-segregation may affect dislocation processes occurring at

the grain boundary.

Two principal models have been proposed to explain the

deleterious effect of segregation. Latanision and Opperhauser [1]

suggest that the segregated impurities act by promoting the

absorption of hydrogen in the proximity of grain boundaries.

Susbsequently, hydrogen is transported into the interior by

dislocation transport and/or grain boundary diffusion [1,2].

The presence of hydrogen at the grain boundaries and the attendant

stress concentration there then leads to cracking. This mechanism

is illustrated in Figure 1. Yoshino and McMahon [15] propose

that grain boundary segregation and hydrogen act cooperatively,

resulting in embrittlement. According to the authors, grain
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boundary segregation lowers the decohesive force between grains

and the presence of hydrogen lowers it even further. This

mechanism is shown in Figure 2.

2.2 The Role of Mobile Dislocation in the Transport of Hydrogen

and its Implications on Hydrogen-Induced Cracking

Bastien and Azou [16,17] were the first to suggest that

hydrogen could be transported along with mobile dislocations.

Later, the idea received additional support from observations

of serrated yielding, tritium release measurements and auto-

radiographic techniques (18-24]. Recently, Tien et al [3]

have proposed a quantitative model for this process and

Hirth and Johnson (25] have developed a model for the kinetic

supersaturations of hydrogen generated by dislocation transport.

A dislocation transport mode is important for the following

reasons, as presented by Tien et al. [3]:

-a transport mode more rapid than lattice diffusion is

essential in rationalizing experimentally observed

fatigue crack growth rates in the presence of hydrogen

-transport of hydrogen along with mobile dislocation can

account for hydrogen participation in SCC processes, when

cracking rates exceed lattice diffusion rates

-it can explain alterations in the ductile fracture process

caused by hydrogen
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*it can explain hydrogen effects in a high pressure hydrogen

test

Among results rationalized by dislocation transport, one

can mention correlations between hydrogen compatibility and

stacking fault energy, the effect of dispersed phases on hydrogen

compatibility, sweeping of hydrogen to grain boundaries, environ-

mental effects on fatigue crack growth and hydrogen partcipitation

in ductile rupture processes [3]. Although there is agreement

that a dislocation mode may operate, whether dislocation transport

is necessary for embrittlement or not is arguable. West and

Louthan, for example, think that hydrogen effects in high

pressure H2 can be explained without dislocation transport

[26].
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3. EXPERIMENTAL

3.1 Materials

The materials employed for permeation studies and electro-

chemical evaluation were three grades of pure nickel, each having

different impurity contents: Marz Ni (99.995% Ni), Ni 270 (99.97% Ni)

and Ni 200 (99.5% Ni). The chemical compositions of these materials

are shown in Table I.

Marz Ni is a very pure zone refined Ni grade. It was

obtained from Materials Research Corporation in the form of cold-

rolled strip, width 2.5cm and thickness 0.125mm. Ni 270 and

Ni 200 were obtained through the courtesy of International

Nickel Company. These materials were in the form of hot rolled

plate, thickness 0.3cm. Strips were cut from these plates and

cold rolled to a thickness of 0.45mm.

All the materials were recrystallized by annealing at 10000C

under an argon atmosphere and quenched in water. To investigate

the effect of grain boundary segregation, part of the samples

were subsequently heat treated at 650°C for 24 hr. The purpose

of this treatment was to segregate sulfur to grain boundaries.

Sulfur is the dominant segregating element in nickel [27,28].

Figure 3 shows the grain boundary segregation of S in Ni 200

as a function of temperature. Segregation takes place in the

temperature range 300-700*C, with the maximum segregation occurring

at about 600 0C. According to these data by Smialowska et al. [27],

a 12 hr treatment at 600 0C results in a grain boundary sulfur
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FIGURE 3. Grain boundary segregation of sulfur in Ni 200
as a function of temperature (27].

FIGURE 4. Typical microstructure of pure nickel (Ni 270,
annealed condition). Grain size 450iim. Etchant
50% HNO 3 + 50% CH 3 COOH. Magnification 25x.
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concentration of 25 atomic per cent. Probably, Ni 270 and

Marz Ni behave similarly except that the impurity content is

different. The heat treatments are summarized in Table II.

A typical microstructure of pure Ni (Ni 270) is shown in

Figure 4. The recrystallization was carried out at 1000°C for

30 minutes to develop large grains. In this way, higher concentra-

tions of S are likely to be attained at grain boundaries because

in a large grain size material there is less grain boundary

surface area per unit volume. The grain size of Ni 270 and Marz

Ni was about 450um, that of the more impure Ni 200 about 150um.

The materials were homogeneous and single phase; optical

microscopy did not reveal any second phases. The 24 hr treatment

at 6500C did not result in any additional grain growth.

The materials tested in the straining electrode experi-

ments were mainly Nickel 270 and Nickel 200. Some preliminary

work has been done on Inconel 600, the chemical composition

of which is also listed in Table I. The materials as-

received were in the form of 1/2 or 3/8 inch diameter cylin-

drical rods. First, these rods were cold-worked by swaging:

Nickel 270 swaged down to 76% reduction in area, Nickel 200

swaged 70%, and Inconel 600 swaged 85%. These cold-worked rods

were then cut and lathe-machined into tensile specimens whose

dimensions are shown in Figure 5. Subsequently these tensile

specimens were given various thermal treatments, as summarized in

Table II. The Ni 270 specimens were solution-annealed at 1100*C for
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TABLE II
HEAT TREATMENT OF MATERIALS

HEAT TREATMENTS FOR PERMEATION STUDIES
AND ELECTROCHEMICAL EVALUATION

Marz Ni Ann

Marz Ni Ann + 24h 6500 C

Ni 270 Ann

Ni 270 Ann + 24h 650°C

Ni 200 Ann

Ni 200 Ann + 24h 650 0C

HEAT TREATMENTS FOR STRAINING ELECTRODE EXPERIMENTS

Ni 270 Ann

Ni 270 Ann + 24h 4000 C to 8000C

Ni 200 Ann

Ni 200 Ann + 24h 4000 C to 800 0C

Inconel 600 Ann

Inconel 600 Ann + 14h 700 0C



12
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FIGURE 5. Tensile Specimen for the Straining Electrode Experiment
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1 hour and the grain size attained was about 200p, as determined

by the line-intercept method. The more impure Nickel 200 was either

annealed at 1100°C for 1 hour to yield a grain size of 50p, or

annealed at 1200°C for 1 hour giving a grain size of 300 microns.

The Inconel 600 nickel-base alloy was annealed at 1200°C for

1 hour and the grain size was 300p. Additional aging treatments

were done on some Nickel 270 and Nickel 200 specimens at tempera-

tures ranging from 400 0C to 800 0C for 24 hours. A single aging

treatment at 700 0 C for 14 hours was also given to some Inconel

600 specimens. The purpose of these subsequent aging treatments

was to promote impurity segregation at grain boundaries (see

Figure 3, for example), and they did not alter the original

grain sizes attained by annealing. In all thermal treatments,

the specimens were encapsulated in quartz tubes filled with

low pressure pure argon, and the specimens were quenched in water

after each treatment.

3.2 Hydrogen Permeation Measurements

Hydrogen permeability in the materials and its dependence

on various parameters was studied by means of the electrochemical

permeation technique developed by Devanathan and Stachurski [29].

Figure 6 shows a schematic of the experimental apparatus. In this

technique, the material under study is made a bielectrode and

clamped between the cathodic (hydrogen entry) and anodic (hydrogen

exit) compartments. The dimensions of the specimens were about
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3.0 x 3.0cm, the thickness varying in the range 65-90pm. A cir-

cular area of 1.27 cm2 was exposed to the solution on each side.

The electrolyte in the cathodic half-cell was 0.1N H2s04. whereas

0.1N NaOH was used in the anodic compartment. Both solutions

were deaerated with prepurified nitrogen both prior to the run

and continuously during it to minimize the effects of oxygen.

Hydrogen is charged into the specimen by polarizing the

cathodic side galvanostatically using the circuitry shown on

the left in Figure 6. Part of the hydrogen produced thereby

is absorbed and diffuses through the specimen to the anodic side.

The anodic side is maintained at a constant potential of +100mV

SCE (i.e., above the reversible potential for the hydrogen

reaction) with the potentiostat so that the concentration of

hydrogen on this surface is zero. When the hydrogen arrives on

this side after diffusing through the specimen, it is immediately

oxidized. This oxidation current can be measured and is directly

proportional to the permeation rate of hydrogen. This current

was measured with an electrometer and recorded with a strip

chart recorder. All experiments were carried out at room temperature.

The specimens for the permeation studies were prepared by

electropolishing in a 60% H2So4 - 40% H20 solution. A platinum

electrode was used as the cathode and a current density of 300 mA/cm
2

was employed. The solution was stirred by a magnetic stirring

bar during the process. For permeation studies, the anodic side

was electrolessly plated with a thin layer of palladium using a
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Pallamerse solution. The purpose of coating with Pd was to

reduce the corrosion rate of the anodic side so that the oxidation

of hydrogen would be the sole reaction. Coating with Pd does not

have any effect on the permeation as can be shown by using

the analysis of Kumnick and Johnson [30]. A thin Nichrome

wire was spotwelded to the specimen for electrical contact.

Before the experiment, the specimens were cleaned ultrasonically

in acetone, rinsed in methanol and distilled water, and finally

dried with hot air.

To study hydrogen permeation in specimens undergoing plastic

deformation, the same technique was used. In this case, a

thin tensile specimen served as the permeation membrane as well.

The dimensions of the tensile specimen are shown in Figure 7.

The gage length was 5cm and the reduced section width 1.9cm.

2The thickness was 0.43mm. The area exposed to solution was 0.32cm

The specimen was mounted between the two compartments and the

specimen-cell assembly was positioned between the cross-heads

of an Instron machine. The anodic and cathodic half-cells were

filled with the respective solutions. The specimens were

deformed at a constant extension rate, with care taken to insure

that no leaks occurred. After a constant background current is

established, hydrogen charging is begun. Permeation currents are

measured as described earlier.
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2.86 cm

.9tCM Area exposed

-ring. 0.64cm to solution

5.08 cm 20.32 cm

R :1.27cm

0.95 cm

FIGURE 7. Dimensions of tensile specimen used for

hydrogen permeation studies in the presence
of plastic deformation.
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A typical permeation transient in unstrained nickel is shown

in Figure 8. First, the current remains at a low background

2value (<0.1 pA/cm2). Once hydrogen arrives on the anodic side,

the current starts to increase and finally reaches a steady state

value. The mathematics of hydrogen permeation has been dealt

with extensively in the literature [31-34]. By applying Fick's

first and second laws with the appropriate initial and

boundary conditions and solving this differential equation, one

can evaluate the diffusion coefficient of hydrogen, DH. Using

the so-called time lag method one obtains for D H the following

expression [34].

D = L2/2tL ()

where L is the thickness of the specimen and tL is the so-called

time lag (= time required for the permeation current to reach

63% of the steady state value). Permeability, J.(VA,cm 2), and

the diffusion coefficient of hydrogen, DH' were measured in order

to determine whether there are any correlations between hydrogen

susceptibility and permeability and diffusivity.

3.3 Straining Electrode Experiments

The apparatus used in the straining electrode experiments
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consists of the modified standard polarization cell (made of

pyrex) designed by Greene [35], as shown in Figure 9. In order

to be able to apply a uniaxial tensile stress to the tensile

specimen (Figure 5) which was positioned at the center of a

cell, a bottom neck had been added to the cell. Two pairs of

small split grips were used to grasp both ends of the specimen,

and each pair was threaded to a cylindrical rod which was

extended to the outside of the cell and was connected to the load

cell of an Instron tension machine. This split grip design,

Figure 10, was used to ensure secure grasp of the tensile

specimen during straining. The whole electrode holder system

(split grips and extension rods) was made of a hardened carbon

steel. A teflon insulation system was machined to proper dimen-

sions in order to insulate the electrode holders from the

electrolyte in the cell and to keep the specimen/specimen-holder

assembly in an up-right configuration. Two platinum counter

electrodes were placed inside the cell through necks on

top of the cell. The electrolyte was purged by bubbling pre-

purified nitrogen gas through the fritted glass of a gas inlet-

outlet pyrex tube to eliminate oxygen from the electrolyte. A

pyrex Luggin probe was placed in the electrolyte so that the poten-

tial of the working electrode (i.e., the specimen) could be

measured. The Luggin probe was filled with the same electrolyte

as that which was used in the cell, and was connected to an

external beaker filled with the same electrolyte. The beaker was
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3/8"- 16
threads

1.0"

13" (UPPER ROD)
and
9" (LOWER ROD)

5/16"- 24 threads

0.00. 
17 8

0.30"

L.6" 0.157

0. 50

FIGURE 10. Electrode holder design for the straining electrode
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in turn connected through a salt bridge to another beaker filled

with KCl solution in which a saturated calomel reference electrode

was half-immersed. With this arrangement, the chloride ions from

the calomel electrode could be kept away from the working electrolyte,

and the calomel electrode could be protected from being damaged

by the working electrolyte. The liquid junction potentials in

this circuit were negligibly small. The working, counter and

reference electrodes were electrically linked to corresponding

terminals of a Wenking potentiostat.

In the normal experimental procedure, the gauge section of

the tensile specimen was first hand-polished with a 600 grade

SiC paper. The thick sections of the specimen were covered with

a microstop lacquer so that only the gauge section would be

exposed to the electrolyte. The gauge length and diameter were

measured. The specimen was then ultrasonically cleaned in methanol.

After this specimen preparation, the arrangement shown in Figure 9

was set up. The working electrolyte had been deaerated for at

least 1 hour and the deaeration was continued during the experiment.

The the specimen was simultaneously strained and polarized

potentiostatically at a selected potential. During the test, the

load vs displacement curve was plotted automatically in the Instron

and the polarizing current was monitored by a strip-chart recorder

connected to the potentiostat. After fracture, the plastic fracture

elongation was determined from the load curve, and the fracture

surface was examined under an optical stereo microscope and/or

a scanning electron microscope.

Lt
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Except for the high strain-rate experiments, all experiments

were run at an initial strain rate. of about 6 x 10-51. Most

experiments were run at a cathodic potential of -600mV SCE with

2a corresponding cathodic current around 3mA/cm2 . The electrolyte

used was exclusively deaerated 1N H2SO4. All experiments were

done at room temperature under normal laboratory atmosphere.

3.4 Cathodic Polarization Curves

To characterize the hydrogen evolution on the surfaces of

the different materials, cathodic polarization curves were

determined for Marz Ni, Ni 270 and Ni 200 both in the annealed

and annealed + heat treated conditions. The specimens were

polished with grinding papers up to 500 grade. A Nichrome

wire was spot-welded to the specimen for electrical contact.

The specimens were cleaned ultrasonically in acetone. Microstop

lacquer was used to mask off a circular 2.5cm2 area for polariza-

tion studies. Just before the run, the surface of the specimen

was gently rubbed with 500 emery paper, the specimen was cleaned

in methanol, rinsed in distilled water and dried with hot air.

A standard double compartment polarization cell was used.

The 0.1N H2So4 solution was deaerated with prepurified nitrogen

for 24 hours prior to the experiment and deaeration was continued

during the experiment. Galvanostatic polarization curves were

determined. A platinum counter electrode and a saturated calomel

reference electrode were used.
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Also, the effect of promoter elements on cathodic polarization

behavior was studied. For this purpose, small amounts of NaAsO2,

Sb203 , Na2 S and Na2 SeO3 were added to the 0.lN H2SO4 solution.

3.5 Grain Boundary Open Circuit Potential Measurements

Because it is possible that grain boundary segregation

affects the electrode potential of the grain boundary, the

effect of thermal treatment in the segregation range was studied

by aging Ni 270 samples at 400-8000c. Notched specimens

of Ni 270 were machined. The specimens were annealed at 1100°C

for 30 minutes, after which 24 hr aging treatments were carried

out at 400, 500, 600, 700 and 800°C. Next, the specimens were
charged with hydrogen in a 5% H2so 4 + 5mg/k NaAsO 2 solution for

2250 hr using a charging current of 100 mA/cm . After charging,

the specimens were fractured in an Instron machine. The fracture

is 100% intergranular. Immediately after fracture, the specimen

is painted with lacquer except for the fracture surface and

transferred quickly to a polarization cell for open circuit

potential determinetion. The time from fracture to open circuit

potential measurement was less than 10 min so that the surface was a

relatively "fresh" fracture surface. Since the fracture is completely

intergranular, the open circuit potential of the fracture surface

is that of the grain boundary.
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4. RESULTS

4.1 Permeation Measurements in Unstrained Ni

4.1.1 The effect of thermal treatment

The results of hydrogen permeation measurements in both the

annealed and annealed + aged (24 hr 6500C) conditions

are summarized in Table III. Permeabilities and diffusivities

for segregated and unsegregated specimens were determined for

2two different charging currents: 0.2 mA/cm (= -470mV SCE) and

0.8 mA/cm2 (= -580mV SCE). At -470mV SCE anodic processes are

still thermodynamically possible, at -580mV SCE they are not.

Three observations can be made:

-thermal treatment at 650°C increases permeability at a

charging current of 0.2 mA/cm 2 . In Marz Ni the effect is

very small, but in the more impure Ni 270 and Ni 200 the

effect is more pronounced. Thus, the higher the bulk S

content the higher the increase in permeability, J .

-at a charging current of 0.8 mA/cm 2 , the thermal treatment

has no effect on permeability in either Ni 270 or Ni 200

-the diffusion coefficient of hydrogen decreases in the

order DMarz Ni > DNi 270 > DNi 200; i.e., with higher

alloying and impurity content. In Marz Ni, the diffu-

sion coefficient of H is not affected by heat treat-

ment and charging current. In Ni 270 and Ni 200, there

is the following trend: the higher the permeability,

the higher the diffusion coefficient.
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The effect of thermal treatment at 650 0C for the two charging

currents is shown in Figures 11-13.

4.1.2 Effect of promoters

The effect of promoter elements, usually group V-A and VI-A

elements such as As, Sb, P (V-A), S, Se, Te (VI-A), was also

studied. As was selected from group V-A and S from group VI-A.

In one case 1.5mg/t NaAsO2 was added and in the other 15mg/k Na 2S

was added. In both cases, permeability was increased significantly.

The results are shown in Figures 14 and 15.

4.1.3 Effect of grain size

The grain size of the material should play a role in hydrogen

permeability if there is any short circuit grain boundary diffusion.

In such a case, diffusivity and permeability should be functions

of grain size. To study this, permeation experiments were performed

on two Ni 270 specimens. Both were solution annealed at 1000C,

but one for a short time (3 min) which resulted in grain size of

50pm and the other for a long time (45 min) which resulted in a

2
grain size of 750pm. A charging current of 0.8 mA/cm was used.

The results are shown in Table IV and the transients in Figure 16.

4.2 Permeation Measurements on Nickel Undergoing Plastic

Deformation

Figure 17 describes the steps involved in running a permeation
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Ni 200 Annealed .24 h 6500C
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EFFECT OF THERMAL TREATMENT
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0.5-
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Time (hr)

lla. I c = 0.2mA/cm 2

EFFECT OF THERMAL TREATMENT
CY Ni200 (50ppm S)

E10=0.8 mA/cm 2

:L2.0O

* 1.5- Annealed

0
' 1.0 Annealed +24 hr 6500C

10 20 30 40 50 60 70 eo 90 100
Time (hr)

l1b. Ic = 0.8mA/cm
2

FIGURE 11. Effect of thermal treatment on hydrogen permeabilitl
in Ni 200



30

3.0 .EFFECT OF THERMAL TREATMENT
Ni 270 (I10ppmi

E IC 0.2 mA/cm 2

-a 2.0-

u N i 270 Annealed*+ 24 hr 650 OC

0

0.5- N 20 Aneale

10 20 30.40 50 60 70 80 90 100
Time (hr)

12a. =c O.2mA/cm2

EFFECT OF THERMAL TREATMENT
4- ~Ni 270 (10 ppm S)
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'.5-

.22

12b. I= 0.8mA/cm2

FIGURE 12. Effect of thermal treatment on hydrogen
permeability in Ni 270.
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FIGURE 13. Effect of thermal treatment on hydrogen
permeability in Marz Ni.
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TABLE IV
EFFECT OF GRAIN SIZE ON PERMEABILITY

AND DIFFUSION OF HYDROGEN

Grain Size I C (MA/cm 2 D(cm 2/s) J,,(1A cm2

5O0im 0.8 3.3 x 10-10 1.54

750ipm 0.8 3.3 x 10- 10 1.42
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I disruption of

60.6-
C surface films

due to plastic
deformation

5 10 15 20 25 30
Time (min)

FIGURE 17. A schematic showing the steps involved in running
a permeation experiment on a specimen undergoing
plastic deformation.
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experiment on a specimen undergoing plastic deformation. The

material is solution annealed Ni 2.70 in all cases. After letting

2the anodic background current stabilize to a low value (<0.lpA/cm2),

deformation of the specimen is started using a constant extension

rate (crosshead speed). At the onset of macroscopic plastic

deformation, i.e., when the yield point is exceeded, there is an

immediate increase in the anodic current. This increase is thought

to be either due to disruption of surface films or accelerated

anodic dissolution in the presence of plastic deformation. After

some time, this current reaches a stable value (Figure 17) at

which it can be maintained for 15-20 minutes. After attaining

this steady background, the catholyte is poured into cathodic half-

cell. At this point, any leaks are easily detected because they

cause a change in the background current. Now hydrogen charging

is started by polarizing the cathodic side galvanostatically.

After 3 to 6 seconds, it is observed that the anodic current

starts to rise and reaches a steady state value in less than a

minute. When the charging current was switched off, the anodic

current decayed to the value it had prior to charging. This

observed transient is inversely proportional to the thickness of

the specimen, which means that it is a volume effect, not a

surface effect. This, coupled with theoretical predictions

presented later and with the observed effects of various experimental

parameters leads us to believe that the transient is due to

hydrogen permeation and, more precisely, due to dislocation transport

of hydrogen.
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To further examine this, one might expect that different

parameters which affect dislocation motion and the concentra-

tion of hydrogen should have an effect on the observed transient.

Therefore, effects of strain rate, cathodic charging current,

promoter additions to the electrolyte and metal grain size

were studied. The results are presented in the following sections.

4.2.1 Effect of strain rate

The effect of strain rate on permeation by dislocation

transport is shown in Figure 18. It can be seen that with

increasing strain rate, the permeability also increseases.

Also in this case, one can apply the permeation mathematics

discussed earlier. If one determines the "effective diffusion

coefficient" (diffusion coefficient of hydrogen in a metal under-

going plastic deformation), one obtains the results shown in

Table V. The result is that the effective diffusivity is of the

order of 10-5cm 2/s. This is about five orders of magnitude

higher than the hydrogen diffusivity in unstrained nickel. Tien

et al., [3] have derived the following expression for the maximum

penetration depth of hydrogen by means of dislocation transport

X= (D/kT)(EB/30b)tp (2)

where D is the diffusion coefficient, EB the binding energy

between the dislocation and its hydrogen atmosphere, 30b the
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FIGURE 18. Effect of strain rate on hydrogen permeability
in Ni 270 undergoing plastic deformation.
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TABLE V-
HYDROGEN DIFFUSIVITY IN Ni 270
UNDERGOING PLASTIC DEFORMATIOIJ

i(1/s) t b s /(s) D ef(cm. 2 s)

4.2 x 10- 5.5 14 1.8 x 10O

1.7 x 10- 4.0 10 2.6 x 10-

4.2 x 10- 2.5 8 3.2 x 10-

c = strain rate

t b = break-through time

t 12= half-rise time

D eff = "effective" diffusion coefficient of H
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effective interaction distance between the dislocation and

this atmosphere and t Pthe duration of plastic deformation.

By means of lattice diffusion, the corresponding maximum pene-

tration depth is

X 2 =4A~ 3

Taking the ratio X X2and using literature values for E F30b

and D one obtains the following expression [31

X / 100VTF (4)
1 2 p

Applying equations (3) and (4) one can calculate that, according

to the theory of Tien et al., it should take about 5 seconds for

hydrogen to travel through the specimen thickness used in

experiments of Figure 18. Examination of Table V shows

breakthrough times varying between 2.5 and 5.5 seconds, in

reasonable agreement with the theory.

one can also obtain decay transients in addition to the

rise transients shown in Figure 18. This means that after the

permeation transient has reached a steady state value, the

charging current is switched off and the decay of the current

back to its value prior to charging is recorded.

Figure 19 shows the decay transients for two different strain rates.

In the case of the higher strain rate the decay is faster.

In short, hydrogen travels out of the specimen faster.

b -j
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FIGURE 19. Effect of strain rate on decay transient
(recorded on switching off the charging
current).
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To obtain further support for the theory of Tien et al.,

one should be able to show that above a certain critical strain

rate, 9c' no dislocation transport takes place; i.e., the disloca-

tions break away from their atmospheres. In the case of Ni,

unfortunately, tc is about 10-1/s(3), far above the strain rates

applicable in our permeation experiments (maximum about 10-4 /s).

Therefore, a metal or alloy where 9c is about 10 - - lo-5/s should

be studied.

4.2.2 Effect of charging current

Effect of charging current on the permeation is shown in

Figure 20. It can be seen that at higher charging current higher

permeabilities are observed. This is due to the fact that the

concentration of hydrogen in the specimen increases with charging

current.

4.2.3 Effect of promoters

The absorption of hydrogen into unstrained nickel increases

significantly in the presence of promoter elements in the

electrolyte. Therefore, the effect of such elements on permeation

when the metal is undergoing plastic deformation was studied.

In one case 2.5mg/k NaAsO2 and in the other 50 mg/k Na2 S were

added. The results are shown in Figure 21. Na2S had no effect

at all. NaAsO2 increases permeation slightly, but much less than
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was the case in the absence of plastic deformation. This seems

to indicate that plastic deformation somehow overrides the

effect of promoters.

4.2.4 Effect of grain size

Dislocations cannot travel from one grain to another with

their hydrogen atmospheres. When arriving at a grain boundary

they are likely to "dump" the hydrogen there, and dislocations

generated in the adjacent grain might then pick up the hydrogen.

Based on this view, one might expect dislocation transport to be

more efficient in a large grain size material where there are

fewer obstacles for dislocation motion, i.e., the dislocations

have a longer mean free path. Figure 22 shows results for

three different grain sizes. The results agree with the predic-

tions, i.e., the larger the grain size the higher the permeation

flux.

4.3 Straining Electrode Experiments

4.3.1 Effect of applied potential

Table VI shows the plastic fracture elongation of Ni 270

annealed at 1100 0C for 1 hour when the material was simultaneously

strained and polarized at various potentials. It can be seen that

at the open-circuit potential (-260mV SCE) and various anodic

potentials (40,300, 800mV SCE), the material had more or less the

same fracture elongation as that when the material was fractured

in air (50%). Potentials 40, 300 and 800mV SCE represent the

active, active/passive, and passive potentials of the material,
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TABLE VI

EFFECT OF APPLIED POTENTIAL ON EMBRITTLENENT
Ni 270; swaged 76%; annealed at 1100 0C for 1 hr; deaerated iN H 2SO 4

E(mV SCE) Fracture Elongation (%)

-600 24

Open Circuit (-260) 47

+ 40 50

+300 53

+800 47

Air 50
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respectively. However, the fracture elongation was drastically

reduced to 24% when the material was polarized at the cathodic

potential of -600mV SCE, i.e., in the presence of electrolytic

hydrogen.

4.3.2 Effect of thermal treatment

Figure 23 shows the effect of low-temperature aging following

the solution-annealing at 1200 0C on the ductility of Nickel 200

(grain size 300om) with and without hydrogen charging. The upper

curve shows the fracture elongation of specimens broken in air

(without hydrogen) and the bottom curve shows those when the

specimens polarized at -600mV SCE (in the presence of hydrogen).

When the aging temperature is designated as room temperature (R.T.)

in the figure, the material was in the as-annealed condition.

The fracture elongation values shown on the upper curve as

compared to that of the as-annealed material broken in air

indicate an embrittlement effect due solely to the aging

treatment. The fracture elongations shown on the lower curve

as compared to that of the as-annealed material broken in air

indicate the embrittlement caused by aging and hydrogen-charging

combined. It can be seen from the upper curve that subsequent

aging treatments at various temperatures (400*C to 800*C) embrittled

the annealed material even in the absence of hydrogen. However,

in the presence of hydrogen-charging, the embrittlement

effect was more profound (lower curve). Foth upper and lower
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curves show a minimum (i.e., maximum embrittlement) when the

material was aged at about 550 0C.

Figure 24 shows the same data as in Figure 23 except that

the Nickel 200 specimens were annealed at 1100°C instead, to

produce a finer grain size of about 50pm. Similar features of

the aging effect can be observed here. Both aging and hydrogen-

charging embrittled the material, and the embrittlement effects

reached a maximum at the 550 0C aging temperature. However, these

fine-grained specimens were, in general, less susceptible to either

aging or hydrogen-charging embrittlement than those of large

grain size.

Similarly, Figure 25 shows the influence of aging temperature

on the fracture elongation of Nickel 270 annealed at 1100°C (grain

size 200pm). For this purer material, annealed or annealed

plus aged specimens broken in air had slightly higher ductilities

(higher fracture elongations) than those of Nickel 200. But when

the Nickel 270 specimens were broken in 1N H2so4 at -600mV SCE,

they were significantly more brittle (lower fracture elongations)

than the Nickel 200 specimens. Both curves in Figure 25 show

a minimum in fracture elongation at the 600°C aging temperature,

but these minima are not as profound as those that appear in

Nickel 200.

Tests were also done on Inconel 600 specimens, some of which

were just annealed at 12000C for 1 hour, and the others received

additional aging at 700 0C for 14 hours. The as-annealed and

annealed plus aged spcimens were broken in deaerated N H2 SO4 at



52

0-0
ma0)
a 40

0

I-

2 ~ 0.

u +-

r~ - x

-0

inS

0

L0 c
LL

W Z o

0
0

x 0

0 2 0I ~~%) NOI.LV N013 38ifl2Q5 ;i 3I.LSVld



53

U)

00

200

a .> co

a 0o

0

Ix.

0
00

0 0

c 00

W +&

0-0
- 2

00

I0.0
.-. 0 "

0

x 0

00 0 0 0

%)NOI.LVtN013 38fl.LW83 :)IJSV~d



54

-10OOmV SCE as well as in air. The results are shown in Table VII.

Embrittlement due to aging was obviously present in the nickel-

base alloy. In the presence of hydrogen, both annealed and

annealed plus aged specimens were significantly embrittled.

4.3.3 Effect of poison addition

NaAsO2 is known as one of the hydrogen recombination

poisons and at a concentration of 1 to 2mg/k in the electrolyte

it was found in the permeation experiments that the hydrogen

permeation through nickel was significantly increased. Hence,

1.5 mg/k NaAsO2 was dissolved in the 1N H2So4 electrolyte used

in the straining electrode experiments performed on annealed

Nickel 200 and Nickel 270, and their resulting ductilities are

compared to those broken without the poison addition and those

broken in air in Tables VIII and IX. From these data it is obvious

that both Nickel 200 and Nickel 270 were more susceptible to

hydrogen embrittlement when the poison was added to the electrolyte.

4.3.4 Effect of strain rate

In the majority of the straining electrode tests, the

strain rate* was fixed at about 6 x 10 s . In order to

investigate the effect of strain rate on the susceptibility to

*The strain rates reported here are actually the initial strain
rates, or better termed, the elongation rates, since, in a strict
sense, the strain rate is decreasing during the course of an
ordinary tensile test with a constant cross-head speed.
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hydrogen embrittlement, some experiments were run using strain

rates 50 and 100 times as fast. Table X shows this fast strain

rate effect for Nickel 200, annealed at 1200 0C and aged at 550*C.

Since the intrinsic ductility of a material changes with strain

rate, an embrittlement index is used in order to compare the

embrittlement susceptibilities at various strain rates. The

embrittlement index shown in Table X is defined as

E.I. = (Fracture elongation in air) - (Fracture elongation in hydrogen)
(Fracture elongation in air)

From the table one can see that when the annealed plus aged

Nickel 200 was fractured in hydrogen at a strain rate 6 x 10- 5
1

the E.I. was equal to 0.38, whereas the E.I. was reduced to

about 0.20 when the strain rate was increased to 50 and 100

times as fast. In other words, hydrogen embrittlement was

less severe at the higher strain rates.

4.3.5 Fracture mode

From the observation on the fracture surfaces in the

scanning electron microscope, it was found that Nickel 270

broken in the straining electrode experiments cracked almost

100% intergranularly when polarized at a cathodic potential

(i.e., in the presence of a hydrogen source). In other conditions,

in air or at other anodic potentials with the material aged or

not, Nickel 270 fractured in a transgranular dimpled rupture
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manner. For Nickel 200 and Inconel 600, the fracture mode was

a mixture of intergranular and transgranular fractures when

polarized cathodically during straining. There was a positive

correlation between the extent of intergranular fracture and

the degree of hydrogen embrittlement (as measured by the reduc-

tion in fracture elongation). The materials fractured trans-

granularly in air under all heat treatment conditions. Figure

26 shows the SEM micrographs of different kinds of fracture

surfaces obtained.

Some experiments were performed on Nickel 270 and Nickel 200

which were pre-charged with hydrogen prior to the tensile testing.

Tensile specimens were pre-charged in 1N H2So4 + 1.5mg/i NaAsO 2

solution at about 10mA/cm 2 for 165 hours, and were then fractured

in air. In contrast to those specimens simultaneously

strained and charged in the straining electrode tests (without

pre-charging) which showed more or less uniform features through-

out the whole fracture surface, the pre-charged specimen had a

fracture surface which was intergranular (in the case of Nickel

270) or intergranular/transgranular (in the case of Nickel 200)

in the outer-ring region, and was transgranular mixture in the

central area. Moreover, the pre-charged specimens had numerous

secondary cracks along the gauge section besides the main

crack that had led to fracture. On the other hand, the secondary

cracks were largely absent in specimens broken in the straining

electrode experiments.
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FIGURE 26a. Fracture surface of Ni 270 broken in air, 60x.
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FIGURE 26b. Fracture surface of Ni 270 broken in deaerated
1N H SO4 at -600mV SCE, 60x
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FIGURE 26c. Fracture surface of Ni 200 broken in deaerated
1N H 2so4 at -600MV SCE, 60x.
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III

FIGURE 26d. Fracture surface of Ni 270 precharged at lOmA/cm
2

for 165 hr and broken in air, 60x.
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4.4 Cathodic Polarization Curves

4.4.1 Effect of thermal treatment

To study the effect of thermal treatment in the range of

impurity segregation on cathodic polarization kinetics, galvano-

static cathodic polarization curves were determined for Ni 270

and Ni 200 in both the annealed and annealed + thermally treated

conditions. The curves for Ni 270 are presented in Figure 27

and the curves for Ni 200 in Figure 28. The following observa-

tions can be made:

-all curves obey linear Tafel kinetics with the slope

varying between -120 and -130mV/decade

-deviation from linear kinetics due to concentration

polarization is observed at current densities higher than

10 mA/cm
2

-for both Ni 270 and Ni 200, the curves shift slightly

towards more negative values as a result of the thermal

treatment. However, these shifts are within experimental

error so that the thermal treatment does not seem to have

any significant effect

-by extrapolating the linear part of the curve to the

reversible hydrogen potential one obtains a value of

about 9 x 10- 6 A/cm2 for the exchange current density for

H2 evolution (log iOH = -5.0) which is fairly close to a

reported literature value of log ioH = -5.3 [36].

As a summary, thermal treatment to produce grain boundary

segregation does not affect overall "macroscopic" polarization
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behavior. This is to be expected since the fraction of the total

surface area which is grain boundary is very low.

4.4.2 Effect of promoter additions

Following additions of different promoters from the group

V-A and VI-A groups were made to the 0.1N H2So 4 solution:

30mg/i Na2 S, 10 mg/i Na2SeO 3, 10 mg/i NaAsO 2 and 1.5 mg/i

Sb203 . The cathodic polarization curves are shown in Figure 29.

Two trends can be detected:

-group V-A elements As and Sb increase the hydrogen over-

potential corresponding to a certain current density and

decrease the overall kinetics (current density corresponding

to a certain potential decreases)

*group VI-A elements S and Se accelerate the overall

kinetics and decrease the hydrogen overpotential

Na2S and Na2SeO 3 additions shifted the open circuit

potential in the more active direction, NaAsO2 in the more noble

direction. The addition of Sb203 was so small that it did

not affect the open circuit potential.

As a summary, it seems that even if both group V-A and VI-A

elements enhance the absorption of hydrogen, the mechanisms of

this enhancement are different, at least judging from the

polarization curves.
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4.5 Grain Boundary Electrode Potential Measurements

Grain boundary segregation may create a galvanic difference

between the segregated grain boundary and the grain interior

which might have implications on the cracking phenomenon. It

was, therefore, considered useful to compare the corrosion

potentials of "pure" and segregated grain boundaries with that

of the matrix. Therefore, specimens were heat treated as shown

in Table XI, they were subsequently charged with hydrogen and

fractured intergranularly in an Instron machine. After fracture,

open circuit potentials of the fracture surfaces were immediately

determined. The results are shown in Table XI. Solution annealing

at 10000C and subsequent thermal treatment at 700 and 800°C

does not result in any change as compared with the corrosion

potential of the matrix. It is reasonable to assume that the

open circuit potential of a ductile fracture surface is represen-

tative of the potential of the matrix and the open circuit

potential of an intergranular fracture surface representative of

that grain boundary. However, thermal treatment at 400, 500 and

600C results in a 70mV shift in the active direction. Signifi-

cantly, these are also temperatures a4 which segregation takes place

'27]. As a check, some specimens were exposed to the laboratory

itmosphere for 1 hr before the open circuit potential determination.

resultint corrosion potential in this case was -180mV SCE

* tbly due to an oxide film formed on the fracture sure ;e.

;:,sts that an analysis of the fracture surface within

-f fracture does not result in substantial film
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TABLE XI
OPEN CIRCUIT POTENTIALS OF GRAIN BOUNDARIES
IN Ni 270 AS A FUNCTION-OF HEAT TREATMENT

Heat Treatment Electrode Potential (mY SCE)

30 min 1000*C -425 mV

30 min 10000C + 24h 400 0C -490 mV

30 min 1000*C + 24h 500°C -490 mV

30 min 1000 0C + 24h 600 0C -495 mV

30 min 1000 0C + 24h 700 0C -420 mV

30 min 10000C + 24h 800 0C -410 mV

Comparison: ductile fracture surface

E = -410 mV
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growth (open circuit potential -410- -490mV SCE) and that we have

an essentially "fresh" fracture surface.

It is interesting to note that the open circuit potentials

of the fresh fracture surfaces were about 100mV more active

than the corresponding values of bulk specimens. Possibly,

this is due to plastic deformation which might make the fracture

surfaces more active, e.g., due to a higher dislocation density.

As a summary, the open circuit potential measurements showed

that thermal treatment in the range for grain boundary segregation

creates a galvanic difference between the grain boundary and the

matrix. This difference might give rise to local action currents

which might stimulate the entry of hydrogen into the metal.
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5. DISCUSSION

5.1 Dislocation Transport of Hydrogen

The permeation experiments performed on Ni 270 undergoing

plastic deformation showed that hydrogen can travel in nickel

undergoing plastic deformation at rates five decades higher than

the lattice diffusion rate. Experimentally observed rates were

in good agreement with the theory of Tien et al [3]. In

addition, effects of strain rate, charging current, promoter

additions and grain size gave further support to the theory.

In considering the effects of strain rate and grain size on

dislocation transport of hydrogen, a good starting point is the

basic equation

C = pbv (5)

where t is the strain rate, p the dislocation density, b the

Burgers vector and v the dislocation velocity. Equation (5)

can also be written in the following form

= pbX/t (6)

where X is the dislocation mean free path and t the time between

"collisions." When the dislocations encounter obstacles such

as grain boundaries, particles or inclusions they may dump

their hydrogen at these points. The hydrogen can then be picked

up by other dislocations or it can be trapped at grain boundaries,
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particle-matrix interfaces, etc. Thus, factors affecting dis-

location motion should also affect dislocation transport.

The effect of strain rate can be considered in terms of

equation (5). If t increases, p and/or v has to increase as well.

If the number of such "active" dislocations increases, the

permeation flux also should increase as was observed (Figure 18).

Also, if the average dislocation velocity increases, the perme-

ation flux should increase. The decay transient results can also

be interpreted in terms of dislocation velocity (Figure 19). The

faster decay in the case of a high strain rate is due to the

faster exit of hyrdrogen out of specimen because the average dis-

location velocity is higher. Another possible way to explain the

results of Figure 18 is that with increasing strain rate, the

amount of absorbed hydrogen increases.

The effect of grain size can also be considered in the

light of equation (6). The mean free path, X, depends

on the grain size of the metal. In a large grain size metal, X

is longer than in a small grain size metal; that means that

the dislocations are able to travel longer distances without

encountering obstacles (mainly grain boundaries). So, in a

large grain size material one might expect a higher dislocation

transport efficiency. This, in fact, was observed (Figure 22).

Tien et al., [31 have done calculations based on their model

and consider the parameter pX asa kind of measure of hydrogen

transport efficiency. Figure 30 shows the results of their

calculations which predict a higher efficiency for large grain
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sizes. Even more significant should be the role of stacking

fault energy. The lower it is the higher the efficiency of

hydrogen transport. It would be interesting to investigate

this idea by using stainless steels in which one can get a wide

range of stacking fault energies with very small composition

changes. Work by Louthan et al., [22) has shown that hydrogen-

dislocation interactions occur in stainless steels, so a disloca-

tion transport mode might operate.

It is generally observed that a large grain size is more

deleterious for hydrogen resistance [1]. One could speculate

that this might be due to a higher efficiency of dislocation

transport of hydrogen. The same kind of reasoning could apply

for stacking fault energy, since a low stacking fault energy

is deleterious for hydrogen resistance, and in a low stacking

fault energy material it is predicted that the transport

efficiency is higher than in a high stacking fault energy material

(Figure 30).

Also the effect of charging current supports the dislocation

transport model. Increasing current density increases the amount

of absorbed hydrogen. The concentration of hydrogen in a Cottrell

atmosphere obeys the following equation (3).

C = C., exp(-EB/kT) (7)
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where C. is the matrix concentration of hydrogen and EB the

binding energy between hydrogen and dislocations. From this

it follows the higher C. the higher C (if we are below saturation

level), which explains the results shown in Figure 20.

Recently, the dislocation transport theory has been supported

by results of Sridhar, Kargol and Fiore [371. Their results

on Hastelloy C276 suggest that crack growth in this alloy may

be governed by strain-accelerated diffusion of H to the region

of maximum triaxial stress ahead of a moving crack front (Figure

31, [38]). This crack growth is discontinuous and their calcu-

lations show that this stepwise growth may arise from dislocation

transport of hydrogen to this region and a build-up of a critical

concentration there.

The significance of the dislocation transport mode is summarized

in Table XII.

5.2 Role of Impurities in Hydrogen Permeation

In this work, thermal treatment at 650 0 C to produce grain

boundary segregation of sulfur caused the following effects:

thermal treatment in the S segregation range produces

a galvanic difference between the grain boundary and grain

interior

-for a charging current of 0.2 mA/cm2 (= -470mV SCE at which

anodic processes are still thermodynamically possible)

thermal treatment at 650°C produces an increase in the per-
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TABLE XII
SIGNIFICANCE OF DISLOCATION TRANSPORT OF H

Effective diffusion coefficient Def f is about 10- 5cm 2/s

Diffusion distance of hydrogen in 1 s is thus about 10-2 cm

Typical plastic zone size is about 10-2cm

Distance to region of maximum triaxial stress in plastic
zone ahead of crack is typically about 10- 4cm

Typical dislocation cell size in plastic zone is about 10- 5cm

Thus hydrogen can enter the metal at the tip of a crack
and reach these critical distances in 1 s for a slow moving crack
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meability, the increase being greater the higher the

bulk S content (Figures 11-13),

-for a charging current of 0.8 mA/cm2 (= -580mV SCE at

which anodic processes are thermodynamically impossible)

thermal treatment at 650*C does not affect permeability

(Figures 11-13).

Why is there an increase in permeability at -470mV SCE but

no effect at -580mV SCE? One could consider this with the help

of the Evans' diagram shown in Figure 32. The open circuit

potential of a metal is a mixed potential between the reversible

hydrogen potential (-310mV SCE in 0.1N H2So 4) and the reversible

potential of the metal (-492mV SCE for nickel). The open circuit

potential of Ni in 0.1N H2so4 was -300 to-310mV SCE, i.e., about

the same as the reversible potential for hydrogen evolution. This

means that the reaction is under anodic control [39]. Now,

when polarizing the metal cathodically above -492mV SCE,

anodic dissolution can still occur. Chaung, Lumsden and Staehle

[40] have shown that sulfur catalyzes anodic dissolution in Ni.

In light of the above, one might think that anodic dissolution

of the impurities, especially from grain boundaries which were

shown to be more active, affects the hydrogen evolution reaction

on the surface and enhances hydrogen entry in a manner similar

to the poisoning action of these impurities when added to the

electrolyte in the form of soluble compounds. At potentials more

negative than -492mV SCE, the impurities segregated to the
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grain boundaries can not dissolve and the effect of the impurities

might be expected to be small since the fraction of the total

surface area which is grain boundary is only 10 - to 10- . This,

in fact, was observed in the experiments using a charging current

2of 0.8 mA/cm (= -580mV SCE).

How does sulfur increase permeability of hydrogen, either

when it is dissolved from the metal or as a S containing

compound added to the electrolyte. One can note that the

following reaction can occur [41]

S + 2H + 2e =1H2S (8)

The standard potential of the reaction is -71mV SCE. Below this

potential H2S is stable. Perhaps, anodic dissolution of S from

the grain boundaries might result in the formation of H2S which

is a well-known promoter [42]. When S is added in the form of

sulfides, for example, the sulfides hydrolyze to form H2S.

Kawashima et al., [42] suggest that undissociated molecular H2 S

enhances hydrogen absorption and permeation and thus causes an

increase in hydrogen susceptibility. They suggest that H2S acts

as a bridge-forming ligand for the proton discharge step in

the hydrogen evolution reaction thus accelerating the discharge

reaction and entry of hydrogen.

To summarize, it was found that thermal treatment in the

temperature range for S segregation increases permeability of
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hydrogen at cathodic potentials when anodic dissolution is

still thermodynamically possible. This was thought to be due

to the dissolution of the impurities from the grain boundaries

and their resulting "poisoning" action. At cathodic potentials

at which no anodic processes occur the permeability is not

affected by the segregation treatment.

5.3 Discussion of the Straining Electrode Experiments

TableVI shows that, at least for Ni 270, the metal is

embrittled only at a cathodic potential; there is no embrittle-

ment at the open-circuit, active, active/passive, and passive

potentials. This result pinpoints the fact that pure nickel

is embrittled by hydrogen. Indeed, the embrittlement of nickel

by hydrogen is independent of the kind of electrolyte as has

been demonstrated by Latanision and Opperhauser [1].

It is obvious from the result of the thermal treatment

effect (Figures 23, 24, 25 and Table VII) that Ni 270, Ni 200

and Inconel 600 are not only susceptible to hydrogen embrittle-

ment, they are also embrittled by aging around the 500 0 C to 700 0C

temperature range. It is interesting to compare the present

thermal treatment result with the work done by Smialowska, Chao,

Chaung and Staehle [27] in which sulphur was found to segregate

at grain boundaries in Ni 200 after aging at various temperatures

(Figure 3). The sulphur segregation reached a maximum at about

600*C and dropped off at 7000C and beyond. It is significant
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to note that, in the present work, maximum embrittlement has

been found to occur at a similar aging temperature both for

Ni 270 and Ni 200 (Figures 23, 24, 25). This seems to suggest

that the observed aging embrittlement is, in fact, due to the

sulphur segregation at grain boundaries and that subsequent

absorption of hydrogen further weakens the grain boundaries, a

mechanism suggested by Yoshino and McMahon 1151. However, the

fractographs have revealed that aged nickel fractures in a

transgranular manner in air, and changes to an inter-

granular fracture morphology when the metal is exposed to hydrogen.

These fracture modes are in agreement with the work done by

Chaung, Lumsden and Staehle [40] in which similar straining

electrode tests and heat treatments were used.* Thus, the

transgranular aging embrittlement of nickel observed in the

present case is unlikely to be caused by the sulphur segregation

at grain boundaries. In the case of hydrogen embrittlement of

nickel (lower curves in Figures 23, 24, 25) the fracture mode

is intergranular. The function of the grain boundary sulphur

may be visualized as enhancing hydrogen entry into the grain

boundaries, and thus promoting hydrogen embrittlement, as

suggested by Latanision and Opperhauser [1]. In fact, the

increase in hydrogen embrittlement caused by poison addition to

the electrolyte (Tables VIII and IX) supports this idea.

*In contrast, Thompson [7] has been able to fracture pure nickel
intergranularly in air, and attribute it to sulphur segregation
at grain boundaries, but the heat treatments he used are quite
different from those used in the present work.
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An alternative explanation is that, if a critical

hydrogen concentration at grain boundaries is necessary to

cause hydrogen embrittlement, then the function of the grain

boundary sulphur is to reduce this critical concentration and

enhance embrittlement.

The cause of aging embrittlement for the more complicated

Inconel 600 alloy system is not clear, but it is interesting

to observe the results obtained by Latanision, Pelloux, Was

and Ballinger (43] that when Inconel 600 is aged at 700*C,

chromium carbide precipitates at grain boundaries and there is

a Cr-depletion zone in the vicinity of the grain boundary.

Looking at the thermal treatment results for Ni 270 and

Ni 200 one can see that.for the purer Ni 270, hydrogen embrittle-

ment is far more significant than aging embrittlement (Figure 25),

whereas in the less pure Ni 200, aging embrittlement becomes more

profound and the effect of hydrogen embrittlement is reduced

(Figure 23). This raises the possibility that impurities in

Ni 200 may, on one hand, embrittle the metal, and on the other

hand, suppress the effect of hydrogen as an embrittling species.

Although the mechanism is not exactly known, it is not unreason-

able to presume that impurities in the metal matrix (such as

carbide particles) act as traps for hydrogen, so that the

amount of hydrogen available to the grain boundaries is decreased.

One important feature of the straining-electrode experiment

is that, given a short testing period of about one or two hours

and without the benefit of precharging hydrogen into the metal,
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hydrogen can severely embrittle the material. If diffusion of

hydrogen through the metal lattice to some defect sites is a

prerequisite for hydrogen embrittlement, then this experiment

must suggest some kind of fast hydrogen transport mechanism,

rather than just the lattice diffusion in order to realize the

embrittlement. It is believed that dislocation transport is

the major mechanism to carry hydrogen when the material is

being plastically deformed [3], as has been demonstrated by

the permeation experiments with specimens undergoing plastic

deformation. Table X shows that the effect of hydrogen

is reduced by increase in strain rate. The

permeation experiments have shown that at higher strain rates,

hydrogen permeates the metal faster than at lower strain

rates (Figure 18). At a higher strain rate, hydrogen would be

transported faster to grain boundaries by dislocations, but it

would also be swept away faster from grain boundaries by dis-

locations. The net result being that there is less hydrogen

retained at the grain boundaries. If this is true, it should

then be expected that an increase in strain rate reduces the

susceptibility to intergranular hydrogen cracking, even though

it increases the hydrogen permeation through the metal. Actually

this strain rate effect has been reported in the literature [44].

In principle, there is a critical dislocation velocity above

which the mobile dislocations would out-run their hydrogen

atmospheres such that the dislocations would become ineffective
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in transporting hydrogen. This implies that there should

exist a critical strain rate above which no hydrogen embrittle-

ment would occur, if dislocation transport is necessary for

the embrittlement. So it is interesting to run the straining

electrode experiments in the future to cover a wider range of

strain rates and to discover the critical strain rate.

Comparing the results shown in Figures 23 and 24, one can

see that finer-grained Ni 200 is less susceptible to embrittle-

ment caused by hydrogen or by aging than the coarser-grained

material. That nickel with smaller grain size is less susceptible

to hydrogen embrittlement is a well-known phenomenon. This

reduction in susceptiblity can be explained by (a) the reduction

of segregation of impurities at grain boundaries due to the

increase in grain-boundary area per unit volume, (b) the decrease

in the efficiency of dislocation transport by shortening the

dislocation mean-free-path, and (c) the reduction of hydrogen

build-up at the grain boundaries for a given dislocation transport

rate, due to the larger grain boundary area available to take

up the transported hydrogen.

5.4 The Effect of Promoters on Permeation of Hydrogen

The effect of promoters additions on both permeation and

cathodic polarization in our experiments was similar to the

results obtained for iron-base alloys [451.
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Group V-A and Group VI-A elements affect cathodic behavior

differently. S and Se (VI-A) were found to accelerate the

overall cathodic kinetics, whereas, As and Sb decreased the

cathodic kinetics but increased the hydrogen overvoltage (Figure 29).

The hydrogen evolution reaction consists of several steps and

the two promoter groups could affect different steps but the

end result in both cases is increased absorption of hydrogen.

It is often said that the promoter elements enhance hydrogen

entry into the metal because of their low exchange current

densities, io,H (Figure 33). Thus, their presence on the surface would

shift the cathodic kinetics to the left in Figure 33. As and

Sb were found to act this way, but not S and Se (?igure 29).

When one compares the effect of promoters in the absence

and presence of plastic deformation, one notices that their role

is not as significant when the metal is undergoing plastic

deformation. This agrees with the findings of Smialowski [46]

on steels. He found that in a 0.56% C steel embrittlement

increased only slightly in dynamic testing due to the addition

of As and Se. On the other hand, in static experiments there

was a significant effect. A possible explanation [451 is

that in the presence of plastic deformation new slip steps form

continuously on the metal surface and "fresh" surface is

exposed continuously. The formation of slip steps is possibly

faster than the adsorption of promoters. So, the adsorption

and absorption of hydrogen would take place largely on fresh

uncontaminated surfaces without the catalytic effect of the promoters.



E( my)

i0,H on Ni- Metal laid

EH2,N+ 1, nN

ENi/Ni 2+-

FIGURE 33. Diagram showing schematically the effect of
promoter elements on hydrogen evolution kinetics.
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5.5 Diffusion Kinetics Considerations

The hydrogen diffusivity measurements indicated the

following:

-the grain size does not have any significant effect on

diffusivity which seems to indicate that grain boundary

diffusion is probably not a dominant diffusion mechanism

-the diffusion coefficient D Hdecreases when the alloying

and impurity content increases, i.e., DMarz Ni ' DNi 270

DNi 200

The values of the diffusion coefficients were in good

agreement with data of Robertson [47] who did gas phase perme-

ation studies. The diffusion coefficients are the same as the

values in single crystals so that diffusion probably occurs

by lattice diffusion mechanism. If grain boundary diffusion

were significant, one would expect D to increase with decreasing

grain size. In agreement with Robertson [47], no such effect

was observed. On the other hand, the permeation technique might

not be sensitive enough because the tctal grain boundary

area is very small compared with the total grain interior area.

The lowering of the diffusion coefficient with increase

in impurity content is likely due to trapping of hydrogen by

the solute impurities (481.
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6. CONCLUSIONS

The results of the strained electrode and permeation experi-

ments lead us to suggest that the hydrogen induced intergranular

cracking in nickel could be interpreted in terms of a

"critical grain boundary hydrogen concentration model." This

is to say that intergranular cracking may result when a critical

concentration of hydrogen is achieved there. This can explain

the effect of grain size and promoter additions to the electro-

lyte. In a large grain size material there is less grain boundary

area per unit volume and thus we attain the critical grain

boundary concentration more quickly. In the presence of poisons

in the electrolyte, the amount of hydrogen absorbed increases

and thus we attain the critical grain boundary concentration

more quickly. The role of grain boundary segregation might then

be to reduce this critical hydrogen concentration at grain boundary

required for cracking. The impurities seem to stimulate hydrogen

entry only when anodic dissolution of the impurities can occur

(mainly from the grain boundaries where they can be enriched to

concentrations up to 10000 times the matrix concentration). To reduce

embrittlement one would thus have to prevent or reduce the build-up of

a critical concentration of H at grain boundary by having other

trapping sites available in the microstructure. We think that

hydrogen embrittlement is less serious in Ni 200 (as compared with
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Ni 270) because there ar e more traps in the matrix (due to a higher

solute content) which, in turn, make-less hydrogen "available" for

the grain boundaries. As far as hydrogen transport is concerned,

transport in the form of Cottrell atmospheres along with mobile

dislocations seems to dominate. No evidence of short circuit

grain boundary diffusion was found. Dislocation transport seems

to be of great significance in the embrittlement of poly-

crystalline nickel.
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